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Flaw growth in a polycrystalline
lithium—aluminium—silicate glass ceramic

B.S. MAJUMDAR,* T. MAH, M. G. MENDIRATTA
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USA

The growth of indentation-produced “‘controlled’ flaws in a polycrystalline lithium—
aluminium-silicate glass ceramic has been studied, over a wide range of temperatures and
strain rates. Significant scatter in the fracture stress at elevated temperatures suggests that
the extent of slow crack growth is highly sensitive to microstructural details. The initial
flaw shape is important in K¢ determination. Up to 1000° C the fracture toughness,

K¢, is essentially strain-rate insensitive. The value of K¢ decreases with temperature
beyond 850° C. Intergranular cavity formation is suggested as the reason. Crack blunting
by diffusive crack healing probably occurs at high temperatures. Also, intergranular slow
crack growth occurs essentially under Mode | loading.

1. Introduction

Controlled-flaw growth experiments have recently
been used to study the fracture behaviour of
structural ceramics. The controlled flaws are
produced by indenting the specimen surface with
diamond indentions. These flaws are typically
100 ym, to simulate the growth of naturally
occurring flaws.

The overall fracture process involves the follow-
ing: (a) indentation cracking; (b) slow crack
growth (only at high temperature); and (c) fast
fracture. At present a few fairly good, although
approximate, theoretical models on indentation
crack have been developed [1-4]. Yet, as will be
shown in this paper, certain aspects of indentation
cracking require further development. Slow crack
growth at high temperatures in polycrystalline
ceramics is generally intergranular in nature. As
shown by Lange [5], such intergranular fracture
is not the corrosion-type phenomenon observed
at room temperature in adverse environments. In
time-to-failure and proof-stress calculations, it is
generally assumed that the stress-intensity expo-
nent, n, in the equation v=AK", is a material
constant which is independent of local chemical
and microstructural heterogeneities. This assump-

tion warrants critical analysis. Finally, the tem-
perature dependence of the stress-intensity factor
at unstable fracture requires further study.

The present study was conducted on a model
material,  polycrystalline  lithium-aluminum-
silicate (LAS) glass ceramic, over a wide range of
temperatures and loading rates. In addition,
critical experiments were conducted in order to
determine the effect of crack healing/blunting
at high temperatures and also to investigate the
effect of mixed-mode loading upon slow crack
growth, All fracture tests were performed in
four-point bending.

2. Experimental procedure

The LAS glass ceramic, purchased from Corning
(no. 9617) was cut into bend bars approximately
50 mm long x 8 mm wide x 4 mm thick. The
approximate composition (wt%) of the material
(B-spodumene structure) is given in Table I.

The bars were ground on emery paper in order to
remove any coating remaining from prior finishing
treatments. The tension side of each bend bar was
then carefully mechanically polished (up to 15 um
finish) using diamond paste. The cleaned samples
were then annealed in air at 1100° C for 3 h. The
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TABLE I Composition of LAS glass ceramic

Compound Li,0 ALO, MgO TiO,

Zn0 Z:0, Fe,0, Ca0 Na,0 SiO,

Content (wt%) 3.5 214 2.3 4

1.9 0.24 0.29 0.14 0.27 65.96

bars were subjected to the annealing treatment in
order to favorably modify the size and distribution
of surface flaws. Experience with unannealed
samples showed low strength and significant
scatter in the fracture stress; the annealing treat-
ment reduced the scatter considerably. After
annealing, single indents were made at the centre
of the tension side of the specimens, using a
Vicker’s diamond pyramid indentor. The indentor
was oriented such that one set of radial cracks was
aligned perpendicular to the maximum normal-
stress direction. As a result these radial cracks
behaved as Mode I flaws for subsequent fracture
testing. Fig. 1 is a sketch of the geometry of the
fracture samples. The indentor load was 2500 g,
producing radial cracks ~110um in length.
Fracture tests were also performed with Knoop
indents, but the cracks produced were not always
sharp and sufficiently deep and, as a result, final
fracture did not always originate from the indents.

In some tests the indentor was oriented in such
a way as to produce radial cracks at various angles
to the principal normal-stress direction. These tests
were carried out in order to evaluate crack propa-
gation under a combination of Modes I, II, and 1II
loading conditions and to determine whether inter-
granular slow crack growth occurs under mixed-
mode loading.

Fracture testing was conducted in the Instron
at temperatures ranging from room temperature
to 1100°C, in air and in vacuum (107 Torr)
environment.. Testing was initiated 20 min after
the desired temperature was reached. Cross-head
speeds ranged from 0.005 to 1.25cmmin™,
resulting in strain rates between =~ 3 x 107° sec™*
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Figure 1 Schematic illustration of indented specimen
and loading arrangement.
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and ~ 7 x 1072 sec™* on the tension surface. The
loading rate was varied in order to obtain different
extents of slow crack growth. After fracture the
fracture surfaces were coated with gold and
observed in a Cambridge scanning electron micro-
scope. The indented crack region and the zone of
slow crack growth were easily discernible; there-
fore, Kj¢ could be determined from the crack size
and load at fracture. Special features on the frac-
ture surfaces were also noted.

3. Results and discussion

3.1. Fracture stress

Fig. 2 shows the variation of fracture stress with
cross-head speed at 1000° C. For all samples the
indented radial cracks were oriented normal to
the maximum principal stress direction. The data
points correspond to tests conducted in 10™* Torr
vacuum. Results of tests conducted in air show
no significant deviation from the vacuum data.
Table II summarizes the test results. Fig. 3 is a
schematic illustration of the fracture surface,
showing regions of indented crack, slow crack
growth, and fast fracture. The indented crack is
nearly semicircular in shape. However, following
slow crack growth, there is a change in shape of
the crack front. The ratio a/c quantifies the
ellipticity of the flaw at fast fracture. Table 11
shows a wide variation of a/c ratios. Nevertheless,
there is always a general tendency for slow crack
growth to occur along the length direction rather
than along the depth, yielding a/c ratios less than
unity.

Two other features in Fig. 2 are notable. The
first is the significant scatter in the fracture
stress, although fast fracture always originated at
the indent. Similar scatter was observed in hot-
pressed silicon nitride [6] . It is believed that such
scatter is mainly caused by the irregular behaviour
of slow crack growth, which results in variations
of the flaw size and shape prior to fast fracture.
However, in spite of the scatter, the fracture stress
seems to increase monotonically with the strain
rate. This behaviour may be contrasted with the
results obtained by Govila ez al. [7], where it was
found that beyond a certain strain rate, the frac-
ture stress decreased with an increase in strain rate.
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Figure 2 Variation of fracture stress with cross-head-speed at 1000° C in vacuum.

When the data in Fig. 2 are plotted on a log-log
scale, in a manner normally employed in dynamic
fatigue experiments, a stress-intensity exponent
of ~6.5 is obtained. Here the stress-intensity
exponent corresponds to x in the equation o; =
A &Y™ or 9= BK", where ¢ is the stress rate, v

the crack velocity, K the stress-intensity factor,
o; the fracture stress, and 4 and B are constants.
The value of n is quite reasonable. For example,
in silicon nitride, n ranges from 8 to 12 [8,9].
The other notable feature from Table II is the
significant decrease in fracture stress from room

TABLE I1
T(°C) Rate Fracture afe Kic Environment Comments
(cm min™) stress, (MPa m?)
o¢ (MPa)
25 0.005 135 1.057 1.39 air
25 0.005 180 0.9 2.05 air Indent was annealed
in air at 1000° C
for 3 h prior to
fracture test
850 0.005 120 0.73 1.42 vacuum
925 0.005 81 1.07 0.8 vacuum
1000 0.005 52 0.78 0.52 vacuum
1000 0.05 51 1.18 0.48 vacuum
1000 0.05 62 1.12 0.62 air
1000 0.25 64 0.97 0.63 vacuum
1050 0.005 35 0.67 0.38 air
1100 0.005 28 0.93 0.29 vacuum
1100 0.005 24 0.71 0.24 air
1100 0.05 41 0.40 0.76 vacuum
1100 0.05 33 0.26 0.58 air
1100 0.20 49 0.78 0.44 air
1100 0.30 56 1.11 0.55 air
1000 0.005 60 vacuum Angular indent
1000 0.005 58 air Angular indent
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Figure 3 Schematic illustration of regions of indented
crack, slow crack growth, and fast fracture. The flaw

shape at fast fracture is approximated by a semi-ellipse
of length 2¢ and depth a.

temperature (135 MPa) to 1000° C (52 MPa) at a
cross-head speed of 0.005 cmmin™'. Further
comments on this decrease will be made in a later
section of this paper.

3.2. Fracture toughness
The fracture toughness, Kyc, can be calculated
from the fracture stress, flaw size, and flaw shape
at fast fracture. The critical flaw is taken to be
the outer boundary of the slow crack growth
regime. This boundary can always be delineated
from the scanning electron micrographs. Fig. 4
is a micrograph of a fracture surface, showing
well-defined regions A, B, and C which correspond
to domains of the indented crack, slow crack
growth, and fast fracture, respectively. Not always
is the extent of slow crack growth so uniform in
all directions as it is in Fig. 4. In any case, the final
flaw shape was always approximated by a semi-
ellipse, with the length of the flaw on the surface
being set equal to 2¢, and the depth being set
equal to a (see Fig. 3).

The value of Kyc was obtained at a point

Figure 4 SEM of the fracture surface of a sample tested
at 1000° C and 0.005 cm min~!. A, indented crack; B,
slow crack growth; C, fast fracture.
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corresponding to the location of the maximum

stress-intenisty factor, along the flaw boundary.

The appropriate formula for Ky¢, obtained from
Bansal [10], was

ZO'f\/a

Kic = ——,

’ M

where o; is the fracture stress, a the flaw depth,
and Z a crack-shape parameter, i.e.

Z = E)

= A/ (ﬁ) E(K)  fora>ec.
C

E(k) and E(k") are the complete ellipticintegralsof
the second kind, with modulus k =+/(1 — a?/c?)
and &’ =~/(1 — c%a?), respectively. Note that for
afc <1, the maximum stress intensity occurs at
a, and forafc > 1 it occurs at the surface.

Using the formulae given above, Kj¢ was deter-
mined for various specimens. Fig. 5 shows the
variation of Kjc with strain rate at 1000°C.
Within the range of data available, K;¢ is essen-
tially a constant, equal to 0.5 MPa m? . Of particu-
far importance is the sharp decrease in scatter of
the data, as compared to that in Fig 2. For
example, at a cross-head speed of 0.005 cm min™",
the scatter in fracture stress is * 25%, while the
scatter in Ky¢ is only + 5%. Such behaviour is ex-
pected if fracture toughness controls the strength
of a member. The large variation in fracture stress
is thus explained as being due to the scatter in the
extent of slow crack growth. This variability in
the domain of slow crack growth remains to be
explained, although local variations in the micro-
structure and chemistry may be responsible in
part.

fora<e

3.3. Temperature dependence of K¢
Fig. 6 shows the temperature dependence of Ky¢,
at cross-head speeds of 0.005 and 0.05 cm min™!,
Data for tests conducted in both vacuum and air
are included. Up to 850°C, K;c remains essen-
tially constant at 1.4 MPam?. Beyond that
temperature Kjc decreases with temperature,
reaching ~ 0.5 MPa m? at 1000° C. The behaviour
is opposite to that observed in hot-pressed silicon
nitride [7], where the fracture toughness was
found to increase with temperature. However,
Kic dependence, similar to that presently
observed, has been reported in hot-pressed silicon
carbide [11].

At still higher temperatures, the value of K at



251
20}
—
1S
o |5
0.
=
2
X j0o}f
o
05| —8- ﬁ*
1. A 1 L i 1
5x10° 102 sx16% 10" 53107 10 20

CROSS-HEAD SPEED (cm min™)

Figure 5 Variation of Ky¢ with cross-head speed at 1000° C.

instability depends quite sensitively upon strain
rate. Thus, in vacuum at 11100° C, Ky increases
from 0.29 to 0,76 MPam?, for an increase in
cross-head speed of 0.005 to 0.05cmmin™. In
ai1 the increase is from 0.24 to 0.58 MPa m?, for
the same range of cross-head speeds. It will be
shown later that a significant fraction of inter-
granular damage occurs in the fast-fracture region
at 1100° C. Such intergranular damage probably
explains the strain-rate dependence of the fracture
stress, since intergranular fracture is generally rate
sensitive.

The curve in Fig. 6, which corresponds to a
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Figure 6 Variation of Ky¢ with temperature for specimens
tested in vacuum. o, 0.005 cm min™!; 2, 0.05 cm min™*
cross-head speed.

cross-head speed of 0.005 cmmin™!, shows that
the effective surface energy v (y =K*/4E, E =
7.6 x 10* MPa) is ~ 450 x 107 T cm™2 at 1100° C.
The surface energy of the grain-boundary liquid
phase of the material under investigation is not
known. However, a rough comparison may be
made with liquid sodium silicate, whose surface
energy is 250x 1077 Jem™ at 1000°C [12].
Extrapolation of the curve in Fig. 6 shows that
the surface energy of the present material would
be 250 x 1077 J cm™? at 1170° C. Bearing in mind
that the eutectic temperature of g-spodumene lies
between 900 and 1000°C, and provided that
crystallites do not melt, a temperature of 1200° C
should be sufficient for complete intergranular
fracture to occur at a cross-head speed of 0.005
cm min~t.

The decrease of Kjc with temperature needs
some explanation. One possibility is the modulus
effect, arrived at through the equation K¢ =
24/(Fy). Tt is known that E is a very insensitive
function of temperature. Therefore, the nearly
three-fold decrease in Ky¢ from 850 to 1000°C
cannot be explained by changes in E. The second
possibility is based upon the premise that vy
decreases with temperature. Note that v is actually
the free-energy increase of the solid per unit
increase in surface area, at constant volume and
temperature [13]. Thus,

v = Uy — TS, @)

where Ug and S are, respectively, the energy and
entropy change associated with formation of the
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surface. Under the assumption that U and S, are
temperature independent,* one obtains

Yir, =vlp, = Ty —T2)S,. 3)

The value of §; is not known for the present
material. However, for several metals it ranges
from 0.5 to 3 x 1077 Jem™2 K™ [13]. Using the
latter value for as only a rough estimate for S,

Ylooec — Ylssorc = 450% 1077 J em™%. (4)

Using the data for Kyc and a modulus of 7.6 x
10* MPa, for the present material, one obtains

Yl1000°c — Ylssee = 11200x 1077 I em™2,
(5)

This value is an order of magnitude higher than
that predicted by Equation 4. Thus, the entropy
effect is also unable to explain the temperature
dependence of Kjc. It will be shown later that
intergranular damage and cavity formation in the
fast-fracture region offer an explanation for the
temperature dependence of K¢ .

3.4. Fractography

Fig. 7 is a micrograph of the fracture surface of a
sample tested at room temperature. Figs 8 and 9
are higher magnification micrographs in the
indented-crack region and fast-fracture region,
respectively. In both zones fracture is of the
cleavage type. However, the distinct difference
in morphology is worth noting. The fracture is
directional and smooth in Fig. 8 and rough in
Fig. 9. It is possible that the change in morphology
occurs because of a difference in crack-growth

Figure 7 SEM of fracture surface of a sample tested at
room temperature. A, indented crack; B, fast fracture.
Note the discontinuous transition in fracture morphology
at the boundary of Regions A and B.

Figure 8 Higher magnification micrograph of indented
crack region of Fig. 7. Note the flat mirror-like feature.

rate in the two regimes. However, it is difficult
to reconcile this possibility with the fact that
a discontinuous change occurs in the fracture-
surface morphology at the boundary between the
indented-crack zone and the fast-fracture zone. If
the morphology is simply velocity related, a tran-
sition zone should be observed in which the
morphology changes gradually. The indentation
process generates complex stress states involving
an elasto-plastic deformation field. Therefore, the
morphological differences may be associated with
different stress states existing during indentation
and fast fracture,

At temperatures of 1000°C and above, a
distinct zone of slow crack growth is observed
(Fig. 3). Fracture is intergranular in the slow-crack-

Figure 9 Higher magnification micrograph of fast-fracture
region of Fig. 7. Note the characteristic transgranular
cleavage fracture.

*Valid for several solid-liquid, solid-vapour interfaces of metals [13].
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growth region, as shown in Fig. 10. At these high
temperatures, a significant fraction of the grain
boundaries is occupied by a liquid glassy phase.
Since this phase would normally have lower
surface energy than the interior of the grains, frac-
ture should occur primarily along the grain bound-
aries. Such grain-boundary failure is thermally
activated; therefore, the extent of slow crack
growth would be cross-head-speed dependent
which, in turn, would be manifested an an increase
in fracture stress with strain rate, as shown in
Fig. 2.

Closer observation of Fig. 10 shows a number
of river lines, suggesting that transgranular cleavage
fracture is present in addition to separation along
the grain-boundary liquid phase. However, brittle
failure along the remaining solid grain-boundary
amorphous phase cannot be ruled out. Fig. 11 is
a higher magnification micrograph of Fig, 10,
showing relative rotation and separation along the
grain boundaries. The process of intergranular
fracture may, therefore, be summed up as follows:
(a) formation of a liquid glassy phase along grain
boundaries, (b) relative sliding and rotation
between grains, giving rise to cavities, and (c) final
separation between grains. It must be noted, how-
ever, that such intergranular fracture involves
competition with a crack-healing process, espec-
ially because of the presence of the liquid glassy
phase. In fact, there is indirect evidence that such
a crack-healing process took place in the present
material. This will be discussed in a later section
of this paper.

Fig. 12 is a high-magnification micrograph

Figure 10 SEM of the slow-crack-growth region of a
specimen tested at 1000° C at 0.005 cm min™*. Fracture
is intergranular.

Figure 11 Higher magnification micrograph of the slow-
crack-growth region of a specimen tested at 1000° C.

showing regions immediately below the indentor
(A), the indented crack (B), and the slow-crack-
growth regime (C). The intergranular-type fracture
immediately below the indentor should be noted.
This feature was characteristic of most samples
tested at high temperature. Such intergranular
fracture is consistent with theories [3, 4] stating
that during indentation, crack initiation occurs
at a finite depth below the indentor, and not at
the surface. The region immediately beneath the
indentor may remain uncracked (or partially
cracked); thus, the indented crack is really annular
shaped rather than semicircular.

Figure 12 SEM of fracture surface of a specimen tested
at 1100°C, showing regions immediately below the
indentor (A), indented crack (B) and slow-crack-growth
regime (C). The intergranular fracture immediately below
the indentor should be noted.
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Fig. 13 is an scanning electron micrograph in
the fast-fracture region of a sample tested at
1000° C. Fracture is essentially of the cleavage
type, although many of the cleavage steps are
obscured by the glassy phase formed at the high
temperature. In addition, a large number of
cavities may be seen, having formed mainly at
the triple points of the grain boundaries. It is very
likely that the triple points have a higher concen-
tration of the glassy phase. The nature of the
microcracks suggests grain-boundary sliding and
rotation. Sliding is a distinct possibility since at
the high temperatures, the grain boundaries form
liquid phases having fairly low surface energies
(=250 x 107 Jcm™2). It is believed that nuclea-
tion of grain-boundary microcracks occurs in the
stress field ahead of the main crack. Since plasticity
within the grains is negligible even at high tem-
peratures, the stress field can only be relaxed by
relative sliding of the grain boundaries. Weaker
bonding at the grain boundaries allows such
phenomena. It is interesting to note that micro-
cracks were not observed near the side surfaces of
the samples. This observation suggests that a plane-
strain tensile hydrostatic field is necessary for
formation of cavities. This is consistent with the
fact that for relative sliding of two surfaces to
occur, a combination of shear and tensile stresses
makes sliding easier as compared to the case where
only shear stress is present. Also a tensile field
would naturally aid the opening up of micro-
cracks.

The formation of microcracks ahead of the
main crack has important implications. Their
presence would locally increase the stress-intensity
factor of the main crack. Essentially this is a

Figure 13 SEM of the fast-fracture region of a specimen
tested at 1000° C.
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“crack-aiding” phenomena as opposed to the
“shielding” of cracks when dislocations are
emitted from crack tips [14]. The aiding of crack
propagation by microcracks formed ahead of a
main crack has also been mentioned by Evans and
Wiedethorn [8] in their work on silicon nitride.
Some calculations are given by Evans and Charles
[15]. The calculations are rough and, therefore,
no quantitative effect of microcracks has been
assessed in this work. Nevertheless, the presence of
microcracks in the fast-fracture region probably
explains the sharp decrease in Kj¢ with tempera-
ture of 850° C and above.

At 850° C cavities are absent in the fast-fracture
region. The fracture surface is similar to that
observed at room temperature. Fig. 14 shows the
fast-fracture region of a sample tested at 1100° C
at 0.005cmmin™. The significant size and
number of cavities is noteworthy. This micrograph
should be compared with Fig. 13. Thus, as testing
temperature is increased beyond 850° C, cavities
begin to appear and their size increases gradually.
These observations may be compounded with the
K;c data at 0,005 cm min™! (Fig. 4), which show
the fractur? toughness to decrease from 1.4 to
0.29MPam® in the temperature range 850-
1100° C. Fractographic analysis of a specimen
tested in air at 1100°C at 0.2 cmmin™' showed
fewer and smatler cavities, compared to those in
Fig. 14. Here, also, the observation isl consistent
with the fact that K¢ was 0.4 MPam® at 0.2 cm
min~!, compared to 0.24MPam? at 0.005cm
min~t,

Fig. 15 shows the fast-fracture region in a
specimen tested at 925° C. In this case the cavities

Figure 14 SEM of the fast-fracture region of a specimen
tested at 1100° C. The size and number of cavities in this
micrograph may be compared with those in Fig. 13.



Figure 15 SEM of fast-fracture region of a specimen
tested at 925° C. Note that the cavities are unevenly
distributed.

were unevenly distributed, with certain regions
showing intergranular cavities and others showing
no cavities at all. The intergranular damage is thus
intermediate between 850 and 1000° C. A K¢ of
0.8 MPam? at 925°C is, therefore, understand-
able. These micrographs suggest that a “mixture”
theory of transgranular and intergranular damage
might explain the observed Ky¢ dependence upon
temperature. It should also be mentioned that a
gradual transition takes place in the fracture-
surface topography from 850 to 1100° C, the fast-
fracture regions becoming progressively smoother
or flatter. The behaviour of Kyc may also depend
upon such transition in topography. However,
cavities probably play a more dominant role in
lowering Kj¢.

3.5. Crack-blunting phenomenon

As previously mentioned, crack blunting by the
viscous grain-boundary phase is a distinct possi-
bility. To test this hypothesis, a specimen was
indented at room temperature and then annealed
in air at 1100°C for 3 h. Subsequent fracture
testing at room temperature yielded a Kj¢ of
2 MPa m7.1 This may be compared with a K¢ of
14MPam? for specimens tested at room tem-
perature immediately following indentation. As
expected, the fast-fracture region .was similar for
the two types of specimens. The increase in Kj¢
for the annealed sample can, therefore, be ex-
plained by rounding of the crack tip by flow of
the viscous glassy phase and limited extent of
crack healing. A healing phenomenon was also
inferred from the observation that in the annealed
sample, voids were present in the boundary region
between the indented and fast-fracture domains

Figure 16 SEM of the fracture surface of a specimen
near the boundary of the indented crack (A) and the fast
fracture (B). Specimen was fractured at room temperature
following annealing of the indent at 1000° C. The voids
in the boundary region should be noted.

(Fig. 16). These voids presumably were left behind
during the healing process, as suggested by Evans
and Charles [15]. The viscous glassy phase should
be rich in lithium; therefore, the boundary region
should show a larger concentration of this element,
as compared to the remainder of the fracture
surface. Unavailability of Auger equipment pre-
vented further work in this area.

3.6. Inclined cracks

Limited tests were conducted at 1000°C with
indented cracks inclined at an angle to the maxi-
mum principal stress direction. The purpose was
to determine the crack path and also whether
slow crack growth was occurring under mixed-
mode conditions. Indented cracks were made at
angles of 30° and 45° (Fig. 17).

-— 6}

BENDING
STRESS

———

Figure 17 Schematic illustration of the fracture path for
specimens with angular indent.
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The dashed line in Fig. 17 shows, schematically,
the general fracture path. Fracture tended to
become normal to the bending-stress direction in
all cases. In fact, when 6 was 45°, fast fracture
took place along the square edge of the indent.
Presumably the median cracks terminate along
the square edges of the indentor.

Fig. 18a and b shows two views of the crack
path when 6 = 30°. In Fig. 18a the specimen has
been tilted with respect to the electron beam, in
such a way that both the side surface (bottom
dark region) and fracture surface (top bright
region) are visible. Fast fracture originated from
the inclined indent; however, note (on the left
side of the micrograph) that the crack gradually
becomes orthogonal to the principal normal
stress direction. Fig. 18b shows that fast fracture
did not completely follow the indent. Here, too,
is an indication that indented cracks are annular
rather than semicircular.

The top right-hand side of Fig. 18a shows
intergranular slow crack growth which occurs
perpendicular to the principal bending-stress
direction. Intergranular fracture did not occur
on crack surfaces inclined at an angle to the
bending-stress direction. These observations lead
to the conclusion that slow crack growth occurs
primarily under Mode I loading conditions.

4. Conclusions
(1) Fracture always occurs at the indent, indi-
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Figure 18 Two views of the fracture surface of a specimen
with angular indent fractured at 1000° C. The specimen
has been tilted in the microscope so that both the side
surface (bottom of (a) and bottom right of (b)) and
fracture surface (top of (a) and top left of (b)) are visible.

cating that the indentation crack may be used as
a standard precrack for ceramics.

(2) At room temperature the indented fracture
surface differs from the fast-fracture surface, and
the morphology changes discontinuously in the
boundary region. Mixed-mode cracking during
indentation is suggested as a possible reason.

(3) Intergranular fracture (at high temperatures)
in the region just below the indent verifies that
cracking may not occur there during indentation.

(4) Large scatter in the fracture stress indicates
that the extent of slow crack growth (also verified
fractographically) is highly sensitive to micro-
structural and local chemical heterogeneities; this
has important implications in proof-stress design.

(5) The initial flaw shape is important in Kjg
determination.

(6) Over a wide temperature range, Kjc is
independent of strain rate.

(7) Ky decreases significantly with tempera-
ture beyond 850° C. Intergranular cavity forma-
tion is cited as the reason.

(8) Crack healing and blunting do occur at high
temperatures.

(9) Intergranular slow crack growth occurs
essentially under Mode I conditions, even when
other modes are present.
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